In the present paper, the effect of in-situ substrate nitridation time on crystalline quality of GaN films grown on Si (111) substrates by metal organic chemical vapor deposition (MOCVD) were investigated. A thin buffer layer of silicon nitride (SiN x ) with various thicknesses was achieved through the nitridation of substrate at different nitiridation times ranging from 0 to 660 s. The structural characteristics, such as dislocation densities, correlation lengths of columnar crystallites, the tilt and twist of the mosaic structure, and the angles of rotational disorder, were all studied in detail by using a planar and cross-sectional view of high resolution transmission electron microscopy (HRTEM) and X-ray diffraction (HRXRD) performed at different scattering geometries. It was found that the dislocation densities, lateral coherence lengths, vertical coherence lengths, and the tilt and 
Introduction
The large direct band-gap and good thermal stability properties of the GaN and related materials has enabled their potential use in applications for laser diodes (LDs), visible-blind ultraviolet (UV) detectors, and short-wave light-emitting diodes (LEDs) [1] [2] [3] [4] . However, there is still a lack of a suitable substrate for GaN-based devices to fully exploit their superior properties. Thus far, there have been a large number of studies concerned with the growth of GaN films on highly lattice-mismatched substrates, such as sapphire [5] , SiC [6] , or Si [7] . Among these materials, silicon has many advantages compared to SiC and sapphire due to its high crystal quality, low cost, good electrical and thermal conductivity, and large-area size as a substrate for the growth of GaN, AlGaN epitaxial layers [8, 9] .
However, the growth of GaN films on a Si wafer is usually associated with such problems as cracking in the epitaxial layer because of large mismatches in the lattice parameters (−16.9%) and thermal expansion coefficients (approx. 113%) [5, 7, [10] [11] [12] [13] . Due to a large lattice mismatch, a high density of threading dislocations on the order of (10 9 -10 10 cm −2 ) exists in the GaN film on silicon substrates, which significantly affects the performance of the GaN based devices [8] . In order to obtain crack-free highquality GaN film on Si substrate, various types of buffer layers and growth conditions as well as post-growth heat treatment processes have been proposed by different research groups [10] [11] [12] [13] [14] [15] [16] [17] . However, the appearance of the cracks is quite random on the film, which produces significant difficulty in device applications. Therefore, the control of crack distribution for a large area film is the main issue of the present study [7] [8] [9] [10] [11] .
It has been recently demonstrated that defect-free GaN on Si could be realized when a Si x N y buffer was used in hot wall chemical vapor deposition [14] with MOCVD [15] growth techniques. These buffer layers were achieved by nitridating the Si substrate with N 2 flow at 900°C by Huang et al. [14] and at 1120°C by Wu-Yih Uena et al. [15] . With a similar approach, a double-buffer structure of AlN/Si x N y was used to obtain high quality GaN film on Si substrate by using molecular beam epitaxy (MBE) [16] . The singlecrystalline SiN x was obtained by introducing the active nitrogen plasma to the Si (111) surface at 900°C for approximately 30 s. Hageman et al. [17] reported significant improvements on the optical and structural properties of the 1 μm GaN layer with the creation of a SiN x intermediate layer.
Large lattice mismatch with respect to the substrate commonly causes high dislocation densities in heteroepitaxial thin films [18] [19] [20] [21] . These types of structures are often described by the model of mosaic crystals [20, 22] . The lateral and vertical dimensions of the crystallites are given by the lateral and vertical coherence length. The angular mismatch of the crystallites causes a tilt and twist, describing the angular distribution of the crystallographic orientation of the mosaic blocks perpendicular to, and within, the growth plane. Knowledge of all these structural parameters in detail is crucial in order to understand the microstructural properties of the grown epilayers, to optimize the growth conditions, and the buffer design for better GaN film quality on Si substrate.
We investigated in detail the effect of in-situ substrate nitridation time (assumed to cause an SiN x amorphous interlayer) on the characteristics of structural features (correlation lengths that are normal and parallel to the substrate surface, tilt and twist, and heterogeneous strain) by HXRD, and the interface structure of AlN/SiN x /Si (111) and the dislocation densities (edge and screw types) by both TEM and XRD. The nitridation time varied from 0 to 660 s.
Experimental procedure
GaN epitaxial layers on Si (111) substrate were grown in a low-pressure MOCVD reactor (Aixtron 200/4 HT-S). The reactant source materials for Ga, Al, and N were trimethylgallium (TMGa), trimethylaluminum (TMAl), and NH 3 , respectively. The H 2 was used as a carrier gas during AlN and GaN growth. Before loading, the Si substrates were sequentially degreased by H 2 SO 4 :H 2 O 2 :H 2 O (2:1:1) solutions for 1 min, and etched while in a 2% HF solution for 1 min, rinsed in de-ionized water, and dried with a nitrogen gun. At the beginning of the growth of AlN, the substrate was baked in an H 2 ambient at 1100°C for 10 min to remove the native oxide. To grow a SiN x interlayer on a Si (111) substrate surface, following the thermal etching, the substrate was nitridated by exposing it to the NH 3 flow of 0.900 slm at 1020°C. Nitridation was performed at five different times. The nitridation times were: 0 (without nitridation), 10, 60, 120, 420, and 660 s for samples A, B, C, D, E, and F, respectively. After the nitridation, for all the samples, we grew an approximately 150 nm high-temperature (1100°C) AlN (HT-AlN) buffer layer. In all of the samples, the 250 nm GaN layers were grown at 1050°C. For sample A, in order to prevent the growth of an amorphous SiN x interlayer, the technique of the Al pre-covering process of Si substrate was applied before the growth of the AlN buffer.
The crystalline quality of the GaN layers was examined by high resolution X-ray diffraction (HRXRD). The X-ray diffraction was performed using a Bruker D-8 highresolution diffractometer system, delivering a CuKα1 HRTEM (High Resolution Transmission Electron Microscopy) was used to correlate the X-ray measurements to the microstructure, crystal structure, and dislocations of c-plane GaN grown with SiN x interlayer. TEM examinations were conducted on the plan-view and cross-sectional samples.
For the cross-sectional TEM investigations, all the samples were prepared via a conventional sandwich technique, i.e., mechanically thinning them to a thickness of approx. ∼5 μm by dimple grinding. Gatan 691 Precision Ion Polishing System (PIPS) was used to prepare the thin foils.
The specimens were examined by using a JEOL 2100 High Resolution Transmission Electron Microscope (LaB 6 filament) operated at 200 kV. Figure 1 shows the typical 2θ scan X-ray diffraction (XRD) patterns of the GaN films grown on a nitridated (with 120 s nitridation time) Si (111) substrate. As shown in Fig. 1 n in-plane Φ-scan was also taken by rotating the sample around its surface-normal direction in order to investigate the in-plane alignment of GaN film. Figure 2 shows the Φ-scan pattern of the (1011) plane of sample D. It can be seen in Fig. 2 that the diffraction peaks from the (1011) plane of GaN were observed at 60°intervals, which clearly confirms the good single crystal hexagonal structure of the GaN epilayer.
Results and discussion
The influence of the nitridation time on the structural properties of a GaN epilayer Heteroepitaxial thin films with a large lattice-mismatch with respect to the substrate in turn form a mosaic structure of slightly misoriented sub-grains [18, 19, 22] , which is characterized by the nucleation of slightly misoriented islands and the coalescence of these islands towards a smooth surface. The mosaic structure of the epilayers is determined by the size and angular distribution of the mosaic blocks. The vertical and lateral correlation lengths, heterogeneous strain, and degree of mosaicity as expressed by the tilt and twist angles are important parameters in characterizing the quality of the epitaxial films with a large lattice mismatch to the substrate [17, 19, 22] . The mosaic blocks are assumed to be slightly misoriented with respect to each other. The outof-plane rotation of the blocks perpendicular to the surface normal is the mosaic tilt, and the in-plane rotation around the surface normal is the mosaic twist. The average absolute values of tilt and twist are directly related to the full width at half maximum (FWHM) of the corresponding distributions of the crystallographic orientations [18, 23] .
The parameters of the vertical and lateral coherence length and tilt angle can be obtained from the WilliamsonHall measurement, and the twist angle from an approach, which was developed by Srikant et al. [23] or from direct measurement [24] , which explains the superposed effect of the tilt and twist on the broadening of the full-widths at half-maximum (FWHMs) of the off-axis plane rocking curves [25] .
Each contribution to the broadening of the particular XRD curves can be separated in the Williamson-Hall measurement [18, 25] . Specifically, in triple-axis diffractometer measurements, the broadening of the rocking curve (angular-scan or ω-scan) of the symmetric (0002), (0004), and (0006) reflections for the GaN epitaxial layer is influenced only by the tilt angle α tilt and short coherence length parallel to the substrate surface L .
Separation analogous of the tilt angle α tilt and short coherence length can be made with the Williamson-Hall plot, when β Ω (sin θ)/λ is plotted against (sin θ)/λ for each reflection and fitted by a straight line. Then, the tilt angle α tilt is obtained from the slope of the linear dependence, and lateral coherence length L (L = 0.9/(2y 0 )) from the inverse of the y-intersection y 0 of the fitted line with the ordinate, where β Ω is the FWHM in angular unit, θ is the Bragg reflection angle, and λ is the X-ray wavelength.
In the radial-scan direction (ω − 2θ -scan) of the symmetric reflections (0002), (0004), and (0006), a small vertical correlation length and a heterogeneous strain along the c-axis causes a broadening of the Bragg reflections. This two parameters L ⊥ and ε ⊥ can similarly be derived from the Williamson-Hall plot. The L ⊥ and ε ⊥ parameters can be derived from the β 2θ−Ω (cos θ)/λ against (sin θ)/λ plots for each reflection. The lateral coherence lengths and tilt angles are shown in Fig. 4 . As can be seen, the tilt angles for all the samples were rather small. It can be seen in the figure that, as the nitridation times increased, the tilt angles decreased first and then increased to 10.6 × 10 −3 degrees for sample C (60 s). From these nitridation times, we can see small increments in the tilt angle. The minimum tilt angle was obtained for sample D. The lateral coherence lengths were determined to range from 182 to 467 nm. As seen in Fig. 4 , as the nitridation times increased the L increased first and then decreased. The maximum values were observed for the nitridation times of 10 s (sample B).
The vertical coherence lengths L values are shown in Fig. 5 . Its values range from 60 to 100 nm. It can be seen in Fig. 5 that there is an increment in all the samples except for sample D. The strain normal to the substrate ε ⊥ values, which was obtained for all the samples, is shown in Fig. 5 . The ε ⊥ values range from 4.2 × 10 −4 to 5.5 × 10 −4 . Small changes were observed for a heterogeneous strain with the nitridation time length.
The mean twist angle between the subgrains can be extrapolated from a fit to the measured double-axis scans data for different (hkl) reflections in the skew symmetric diffraction. Several extrapolation methods have been reported in the literature for the mean twist angle calculation [18, 23, 26] . However, all of these methods include a complicated calculation and fitting procedure for the extraction of the twist angle from the experimental data. On the other hand, Zheng et al. [24] proposed a simple empirical approach to obtain the mean twist angle directly without falling into complications.
The FWHM of the rocking curve of an imperfect film is composed of several contributions, such as the mean tilt, twist, the average size of sub-grains, and inhomogeneous strain distributions. Although the broadening, which is due to a limited domain size and an inhomogeneous strain, can In addition, the (0002) reflection and (hkl) reflections with h or k non-zero orientation of our samples with tripleaxis ω − 2θ -scans both exhibit a small FWHM. The last important point is that the intrinsic width of the reflection for the crystal and the apparatus broadening for all the experimental reflections are negligible because these effects amount to only a few arcsec. For this reason, we can only measure the broadening that is caused by the twist by using (hkl) reflections in the skew geometry.
The extended FWHMs of ω and Φ-scans that were obtained by using the fit of the Pseudo-Voigt function to the rocking curves are shown in Fig. 6 as a function of increasing χ for all the samples. It can be seen in Fig. 6 that the FWHMs of ω and Φ-scans are nearly the same when the inclination angle is 78.6°. In this inclination angle, the (1231) reflection appears. These results showed that the rockingcurve widths of ω or Φ scans for this higher χ angle are close to the twist angles. In every respect, the FWHMs of Φ-scans are larger than those of the χ -scans with the change of the inclination angle χ . Therefore, the mean twist angles must be the average value of the FWHMs of the ω and Φ-scans of χ = 78.6°.
The measured mean twist angle of the GaN layers is shown in Fig. 7 as a function of the nitridation time. The mean twist angle is strongly dependent on the nitridation time. The minimum mean twist angle value was obtained as 0.4°for sample A (without nitridation). It increases with the nitridation time and reaches to a maximum value of 1.2°for Fig. 7 The dependence of the twist angle on the nitridation time sample C (with 60 s nitridation) and then decreases to 0.7°f or sample D (with 120 s nitridation) nitridated the longest. Based on this observation, it can be argued that the mean twist angle of the GaN epilayers that are grown on Si substrate is strongly affected by the time elapsed for the nitridation of the substrate before intiating GaN growth.
There are three main types of dislocations present in GaN thin film that are grown on Si (111) with two steps [7-16, 18, 24, 27] : the pure edge dislocation with Burgers vector b = ( c + a ) . The coherence lengths, and the twist and tilt are correlated with the different types of dislocations. As reported by Metzger et al. [18] , for (0002)-oriented GaN epitaxial films, the mean twist angle is monotonically related to the density of edge-type of the threading dislocation (TD) with Burgers vector b = 1/3 1120 , while the mean tilt angle is monotonically related to, and can be converted into, the density of the screwtype of TD with Burgers vector b = 0001 . Thus, in the present study, all the existing dislocation lines were treated as the types defined by Metzger et al. [18] .
The screw dislocation (b = 0001 ) density (D screw ) can be calculated from the equation [28, 29] ,
where α tilt is the tilt angle, and b is the Burgers vector length (b screw = 0.5185 nm).
The edge type dislocations with Burgers vector (b = 1 3 1120 ) reconcile an azimuthal rotation of crystallites around the surface normal. From the measured twist angle α twist , an edge-type dislocation density can be calculated. If dislocations are piled up in small angle grain boundaries, Fig. 8 The edge, screw, and total dislocation density as a function of the nitridation time the edge dislocation density (D edge ), therefore, can be calculated according to [28, 29] ,
where b is the Burgers vector length (b edge = 0.3189 nm). Figure 8 shows the edge, screw, and total dislocation density as a function of nitridation time length. As can be seen from this figure, the edge and screw dislocation densities are approximately equal to each other for sample A (without nitridation). The edge dislocation density changed with the nitridation times. On the other hand, the screw dislocation densities approximately keep constant for all the nitridation times. These results show that the nitridation process is much more effective on the edge type dislocation density. The microstructure of the grown layers was revealed by TEM. The cross-sectional and plan-view TEM specimens were prepared from the grown layers. In Fig. 9(a) , we show the cross-sectional TEM images of the GaN films grown on Si (111) with a 660 s nitridated buffer layer (sample F). The GaN-AlN and Si were viewed in the [1100] and [112] projections, respectively. A relatively rough interface between the HT-AlN nucleation layer and GaN, and a high density of threading dislocations (TD) can be clearly observed. From Fig. 9(a) , it can be seen that, the dislocation density decreases rapidly within 50 nm from the AlN/GaN interface into the GaN layer. Since dislocations cannot end within a crystal, that is, the ends of a dislocation can only be at free surfaces, or at interfaces, the apparent change in the dislocation density within the GaN layer requires an explanation. The dislocations originating from the GaN/AlN interface may change direction and bend back to the interface that they originate from. Tilt or twist boundaries that are said to exist within the GaN layer may also assist in such changes in dislocation directions. Some studies even suggest the presence of small angle grain boundaries with the GaN layer [18] . The wavy nature of the AlN/GaN interface may also be related to the tilt and twist boundaries in the GaN layer.
Other aspects requiring explanation are the crystallographic relationship between the AlN layer and Si substrate, as well as the apparent stress that consequently also leads to the observed high dislocation density within the AlN layer. If the interface was truly between the AlN and Si substrate, the crystallographic relationship and relatively high dislocation density, originating from the interface due to the large lattice mismatch between the two crystals, would provide a straightforward explanation. However, the AlN/Si interface has been shown, in the present study and others, to contain an amorphous SiN x layer [34, 36, 37] . The orientation relationships were determined for GaN-AlN on Si (111) by taking the selected area electron diffraction (SAED) patterns in TEM (Fig. 9(b) and Fig. 10(b), (c) ). It is noteworthy that despite the presence of an amorphous SiN x interlayer, the selected area electron diffraction (SAED) confirms the well-known orientation relationships between GaN (AlN) and Si [34] , which are 1120 GaN // 1120 AlN // 110 Si , 1100 GaN // 1100 AlN // 112 Si , and 0001 GaN // 0001 AlN // 111 Si . By this, it has also been proven that GaN and AlN have hexagonal crystal structures and are single crystals.
Several reports have addressed the issue of a crystallographic relationship between AlN and Si despite the amorphous SiN x between them. One of the suggestions was that the amorphous SiN x layer has some short range order that necessitates the orientation of the AlN layer in this fashion [34] . According to some others, there exists in the SiN x a top layer of a few atomic distances that is crystalline [36] . According to Dobos et al. [37] , Nakada et al. [36] , and Kaiser et al. [34] , the epitaxial relationship is transferred from Si into AlN and GaN through the amorphous SiN x layer by the presence of crystalline regions, Si 3 N 4 inclusions, or holes in the SiN x layer. Other explanations include the short-range tetrahedral coordination that was maintained in the SiN x layer [34, 41, 42] , and the nucleation and growth of GaN islands from intrinsic or extrinsic defects by a "pinhole model" [40] .
In our view, perhaps the most plausible explanation is that the amorphous SiN x layer is not continuous and that there must be some points of actual contact between the crystalline Si substrate and deposited AlN layer [40] . It is then conceivable to assume that such locations of contact would inevitably behave like seeds in bulk single crystal growth techniques in turn leading to an overall crystallographic relationship between AlN and Si despite the presence of an intermittent amorphous SiN x . If such a mode of deposition is operational, then the large lattice mismatch between AlN and Si in the locations of true contact could also act as a source for dislocation emissions, and thereby explain the high dislocation density within AlN. Our observations on the cross sections taken from different locations of the same sample showed that SiN x is indeed intermittent. It may further be suggested that the tilt and twist boundaries that are said to exist in GaN may also be related to the growth modes of the AlN layer.
In addition to the arguments mentioned above, the crystal orientation of the hexagonal AlN with the basal planes parallel to its interface with the substrate may also arise from the simple thermodynamic requirement of lowering the surface energy. As a thin film and, therefore, having its largest surfaces parallel to the substrate it should be expected that AlN with a hexagonal crystal structure would, unless otherwise dictated by a crystalline substrate, prefer to form outer surfaces out of densely packed, i.e., low energy, basal planes. Therefore, even if no effect was imposed by the amorphous SiN x for a particular orientation relationship, a free-growing AlN layer would be expected to position itself in the observed fashion, i.e., basal planes parallel to the substrate.
A plain AlN film on Si contains a large number of dislocations due to the strain relaxation of the film [30] . Follstaedt et al. [31] and Datta et al. [32] have demonstrated that, plan-view TEM imaging is generally accepted as a more trustworthy method for TD density measurement, compared to other techniques, such as atomic force microscopy (AFM) and cathodoluminescence (CL). These techniques cannot be used effectively to detect a-type edge dislocations that thread to the film surface, since such dislocations do not create steps on the surface that are detectable by AFM, and are probably not effective nonradiative recombination centers that are detectable by CL [31] [32] [33] [34] .
The threading dislocations (TD) density of sample F (with 660 s nitridation) was determined by plan-view TEM. The plan-view image of sample F is shown in Fig. 10(a) . All of the images were bright-field (BF) images which were collected by using multi-beam diffraction conditions. The planview specimens were investigated in the [0001] zone-axis orientation, which were nearly in the optical axis. The determined values are characteristic for the near surface region, only (∼top 100 nm). Moreover, the crystal defects, which were revealed by cross-sectional studies, did not propagate to the surface, and are not visible in the plan-view images [30, 34, 35] .
As shown in Fig. 10(a) , a network structure of defect arrays was also observed. The image shows that the dislocations in the epitaxial layers are not uniformly distributed. In order to determine the TD densities, the number of TDs was counted for approximately 10 different plan-view TEM images similar to those shown in Fig. 10 . All of the images, for TD density determination, were collected with their GaN [0001] zone axis. The density of these threading dislocations was approximately 9 × 10 9 cm −2 , which is comparable to the values that were calculated with the HR-XRD measurements. (Fig. 11) . From the cross-sectional High Resolution TEM (HRTEM) image (Fig. 11(b) ) for sample F it is observed that this thin layer is amorphous SiN x (a-SiN x ) . This a-SiN x is also observed in several Si/AlN systems [33, 34, [36] [37] [38] [39] [40] [41] [42] .
Cross-sectional HRTEM images are shown for the GaN/AlN interface in Fig. 12 . A rough interface is observed mostly for the GaN/AlN layers ( Fig. 11(a) and Fig. 12(a) ). However, smoother interface segments were also observed in some regions (Fig. 12(b), (c) ).
From the SAED results, with the epitaxial relation, it can be observed that the crystal orientation of Si (111) seems to be transferred mostly through the amorphous SiN x into the AlN and GaN layers. One reason could be the short-range tetrahedral coordination of each atom, which is obviously continued in the SiN x layer. Another explanation could be small crystalline SiN or Si 3 N 4 within the interlayer, which transfer the orientation relation [34, 36] . Secondly, a locally, thicker SiN x layer in the structures can cause the interrup- (Fig. 9) with slightly tilted grains. In our present study, it was important to avoid an excessively large SiN x layer thickness that would totally interrupt the transfer of the epilayer relation from the Si (111) substrate to the epitaxial layer and that would cause a polycrystalline deposition of GaN, as given by other growth process [13-16, 31, 33-35] .
Conclusions
In the present study, the influence of in-situ substrate nitridation time (assumed to cause an SiN x amorphous interlayer) on the characteristics of the structural features by HXRD, and the interface structure of AlN/SiN x /Si (111) and dislocation densities (edge and screw types) were investigated by both TEM and XRD measurements of the hexagonal epitaxial GaN films grown on Si (111). The nitridation time lengths ranged from 0 to 660 s. The mosaic structure of the GaN layers was affected by the nitridation time length. We obtained the largest values for vertical and lateral coherence length at 10 s nitridation. On the other hand, when the Si (111) was not nitridated, the smallest twist angle was obtained (sample A). The smallest tilt angle of a 6.9 × 10 −3 degree was obtained for the 120 s nitridated sample. From the dislocation measurements, we can see that the edge type dislocation densities are much more affected from the nitridation process. However, screw dislocation densities are less affected by nitridation. From the SAED results, with the epitaxial relation, it can be observed that the crystal orientation of Si (111) seems to be transferred mostly through the amorphous SiN x into the AlN and GaN layers. However, it is important to avoid an excessively large SiN x layer thickness, which would totally interrupt the transfer of the epilayer relation from the Si (111) substrate to the epitaxial and would cause the polycrystalline deposition of GaN.
